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Matrix compositions based on Si,N,O, with Al,O; and CaQ additions, were used to hot press
Nicalon SiC fibre-reinforced composites at 1600 °C. With both CaO and Al,O; additions,
eutectic melting formed an appreciable volume of liquid phase during hot pressing, which
remained as a stable glassy phase in the cooled composites. This liquid phase fostered
formation of ~240 nm thick carbon-rich interphases between the fibres and the matrix.
These interphases showed relatively low interfacial shear strength and resulted in
composites which showed non-catastrophic, notch-independent fracture. Matrices using
either Al,O; or CaO did not form adequate liquid phase to form coarse interphases, and
fracture was catastrophic in nature. Post-heat treatment of the composites at 1000 °C showed
peripheral oxidation (removal of the carbon content of the interphase) indicating limited
protection afforded when glassy phase was present in the matrix. Controlled cooling in the
hot press did not cause the liquid regions to devitrify.

1. Introduction

The poor fracture toughness of monolithic ceramic
materials have limited their applications; the propaga-
tion of a single crack occurs with very limited energy
absorption prior to failure. Moreover, the critical
strain energy release rate in mode I [ 1] for monolithic
ceramic materials is in the range of 20—-100Jm™2,
while it is ~10*Jm™? for most metals [2]. Thus,
critical crack sizes for ceramics are of the order of
10-100 um, whereas those for metals are in the mil-
limetre or centimetre range.

In order to enhance the strength and fracture
toughness of ceramic materials, methods have been
developed to incorporate the reinforcing media in the
form of particles, platelets, whiskers, and fibres.
Whisker-reinforcing has been utilized more extensive-
ly than fibre-reinforcing for practical applications to
date (e.g. candidate materials for hypersonic radomes,
military armour, cutting tools, and automotive engine
components [3-5]), because composites with the for-
mer demonstrate isotropic mechanical properties.
Uniaxial fibre-reinforcing fosters enhanced mechan-
ical properties only in the fibre direction. The more
complex design of two- or three-dimensional fibre
alignment prior to matrix infiltration is required for
applications where more multidirectional stresses are
applied. The strain energy to failure (the area under
the stress-strain curve) has been measured to be
3.1 MJIm ™2 for Nicalon SiC fibre-reinforced calcium
aluminosilicate (CAS) glass-ceramic matrix com-
posites [6]. This value is almost 40 times the strain
energy to failure of the monolithic matrix material. As
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compared to metals such as superalloys, fibre-rein-
forced ceramic composites have low density, high stiff-
ness, and high melting points. These composites show
good strength and flaw tolerance as demonstrated by
notch-independent fracture behaviour. They are thus
potential materials for aerospace vehicles, aircraft
brakes, heat exchangers, propulsion components, and
space structures [3-5,7, 8].

The non-catastropic failure of fibre-reinforced com-
posites is due to low fibre/matrix interfacial bond
energy, resulting in the debonding of fibres from the
matrix [9-117, permitting crack blunting and deflec-
tion at the weak fibre/matrix interfaces [9], fibre pull-
out from the matrix [12, 13], and multiple matrix
cracking [14-16]. In Nicalon SiC fibre-reinforced
glass/glass-ceramic composites, such low interfacial
bonding is achieved by the presence of a carbon-rich
interfacial layer formed between the fibre and matrix
during the hot-pressing stage of composite fabrication
[17].

Thus far, glass or glass-ceramic matrix composites
have predominantly been fabricated by the slurry in-
filtration process followed by hot pressing. A low-
viscosity molten phase forms in the matrix to avoid
fibre damage during hot pressing [ 18-207. Because the
hot-press punch and die are generally made of graph-
ite, the atmosphere surrounding the pressed com-
posite is carbon monoxide. It has been argued [21]
that this gas is molecularly soluble in the glass and
reacts with the SiC fibre to form an amorphous silica
and carbon product at the surface of the fibre.
This product phase forms an “interphase” which is
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credited with the low fibre/matrix interfacial bonding
energy.

The problem associated with glass or glass-ceramic
matrices is that in an oxidizing environment at elev-
ated temperatures, molecularly soluble oxygen reacts
with and annihilates the carbon content of the inter-
phase [22-25] to form CO, which, in turn, diffuses out.
The resulting composite shows brittle fracture behav-
iour. It is conceivable that if the glass phase was
devitrified after matrix densification, the carbon con-
tent of the interphase regions would be protected
against oxidation.

A new matrix investigated herein, the Si—Al-O-N
(sialon) system, is potentially more refractory than
calcium aluminosilicate and lithium aluminosilicate
matrices developed in the past. These matrix composi-
tions have been formulated based on the silicon ni-
tride structure, with equal amounts of AI** and
0O?%" substitutions for Si** and N*~ in the SiN, tet-
rahedra [26,27]. Because of its atomic arrangement,
p’-sialon solid solution (Sig-,Al,O,Ng_, with z vary-
ing between 0 and 4) has properties which emulate
SizN,4 - high strength and a low coefficient of thermal
expansion.

With the presence of a sintering agent, e.g. CaO and
MgO, an appreciable quantity of liquid phase forms
during sintering of Si;N,. This results in the formation
of a fine-grained microstructure [26] under pres-
sureless sintering. The microstructural evolution in
this system has been shown to occur by a dissolu-
tion/reprecipitation process — crystals form a eutectic
liquid, which in turn precipitates a new crystalline
composition, or crystals of the original composition
[27]. These matrices would thus be expected to be
favourable host materials for fibre-reinforcing: the
liquid would foster formation of the carbon-rich inter-
facial layer in a similar fashion as the glass/glass-
ceramic matrix, as well as minimize fibre damage
during hot pressing.

2. Experimental procedure
The sclected matrix compositions were 60 wt%
Si,N,O (Norton Co., Worcester, MA)-30 wt % Al,04
(Alcoa Industrial Chemicals, Bauxite, AR)}-10 wt %
CaO (Fisher Scientific, Fair Lawn, NJ) (coded SAC),
50 wt % SiN,O-50 wt % Al,O; (coded SA), and
90wt % Si;N,O0-10wt% CaO (coded SC). The
weighed powders were mixed and ball milled using
zirconia media in water to obtain a particle-size distri-
bution entirely less than 10 um (diameter), as con-
firmed by scanning electron microscopy (SEM) obser-
vation,

The Nicalon SiC fibre tow (Nippon Carbon Co.,
ceramic grade SiC fibres, Tokyo), having 500 indi-

vidual filaments (approximately 10-20 um in dia-
meter), was used as reinforcement. In the fibres,
1-3 nm SiC microcrystals and arbitrary regions of
carbon aggregates were embedded in a continuum of
tetrahedral SiO,C, (x +y=4) amorphous phase
[28]. The composition of this fibre was 49% SiC,
40% C, and 11% SiQ, in mole ratio, assuming all
oxygen is tied to silicon to form SiO, [29]. The fibres
were cut into 6 ¢cm lengths and then heat treated in air
at 350°C for 20 min to remove a protective organic
coating provided by the manufacturer. The heat-
treated fibres were unidirectionally aligned in a box
(6 x 6 x 2 cm®) made of graphite foil.

A slurry was prepared by mixing powder and
2 wt% polyvinyl alcohol (PVA)/water solution using
a magnetic stirrer in a closed container. The slurry was
then poured into a graphite foil box containing alig-
ned tows. The green body was immediately dried in an
air-circulating oven at 120 °C for 1 h. Binder removal
was accomplished by heat treating the graphite foil
box containing the green body at 600 °C for 20 min in
air. Hot pressing of the green body was performed in
graphite dies at 1600 °C and 15 MPa in an induction-
heated instrument (Alfred Enterprise Ltd, Alfred Sta-
tion, NY). Carbon black powder was added around
the graphite mould to protect the graphite. As a result
of atmospheric oxygen reacting with the carbon black
and the graphite, the atmosphere surrounding the
specimens is interpreted to have been CO. The heating
rate was, on average, 40°C min~ !, The cooling rate
after hot pressing at 1600°C was, on average,
15°C min~" until the temperature reached 1000 °C,
below which the power to the induction coil was
halted and the hot-pressed composite was cooled
with the die. In order to control the matrix crystal-
linity of the SAC and SA composition, composites
were additionally fabricated using extended soaking
periods and slower cooling rates (schedules 2,3, and
4), as shown in Table 1. The resultant composites
contained an average of 50 vol% fibres based on SEM
microstructures of the hot-pressed composite cross-
section.

In order to determine the capability of the matrix to
limit oxygen diffusion, composites (SAC and SA) fab-
ricated by each schedule were post-heat treated in air
at 1000°C for 60 min. The fibre-end regions of the
composites were encased in matrix, and hence fibres
were not directly exposed to the environment.

For mechanical characterization, the composites
were cut and polished to obtain ~1.5x 2 x 50 mm?
specimens. Three-point flexural tests (Instron Model
8562, Canton, MA) were performed for the composites
fabricated by schedule 1. The span length was 4 mm
and the crosshead loading rate was 0.5 mmmin~ 1.
Specimen strain was taken as equivalent to crosshead

TABLE I The processing schedules and matrix compositions used at each schedule

Schedule 1 Schedule 2 Schedule 3 Schedule 4
Soaking time at 1600 °C (min) 30 30 60 120
Cooling rate (1600-1000°C) (°C min~?) 15 6 6 1
Matrix compositions SAC, SA, SC SA, SAC SA, SAC SA, SC
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displacement. Apparent elastic moduli were deter-
mined based on initial tangent lines to specimen dis-
placement versus load curves. For a highly anisotropic
composite, the modulus of elasticity in bending
(N'm™?) was determined as [30]

0.25L°m

Ey = —E (0
where L is the support span (m), b is the width of the
beam (m), d is the depth of the beam (m), m 1s the slope
of the tangent to the initial straight-line portion of the
load—deflection curve (N m ™ *). Three specimens were
tested at each composition. For the notched three-
point bend test, a notch was introduced to the bend
specimen geometry using a diamond saw. The notch
depth (~1.25 mm) to specimen thickness (~2.5 mm)
ratio was ~0.5 with a notch thickness of 0.37 mm.

Interfacial shear strength was measured via a fibre
push-down test using a diamond microhardness in-
dentor (Vickers; LECO Co., Model M-400F, St
Joseph, MI). Samples were mounted i an epoxy
holder and then cut to 1.8 cm lengths in the reinforced
direction, followed by polishing of sample cross-
sections with exposed fibre ends. As developed by
Marshall and Evans [31,32], the interfacial shear
stress may be determined from

F2

Te dnurdE; @)
where F is the force applied to the fibre only, r is the
fibre radius, E; is the elastic modulus of the fibre, and
u is the sliding distance through which the fibre is
depressed with respect to the matrix. In determining ,
the elastic modulus for Nicalon SiC fibres in the
matrix, E;, was assumed to be 200 GPa [32]. The
sliding distance, u, was experimentally determined by
the relation, L = (b — a) cot 8, where 2a is the indenta-
tion impression (diagonal distance) on the fibre, 2b is
that on the matrix, and 26 is the angle (136°) between
opposite edges of the Vickers indentor. The diagonals
2a and 2b were measured using an optical microscope
attached in the indentation instrument with a meas-
urement precision of 0.1 um. Part of the indentation
load was supported by the matrix; to screen the matrix
effect, fibres were first indented using a small load
(25-50 g) to determine fibre hardness, H. Then, after
full loading (100-200 g), the force on the fibre was
obtained from the dimensions of the hardness impres-
sion on the fibre surface using the relation F =
a*H/1.8544 [33]. Fifteen fibres were indented and
pushed down for 10s for both fibre hardness and
interfacial shear strength measurements. Fig. 1 shows
an example of indented fibre in the SAC composite.
Matrix hardness was separately measured (ten
measurements for each composite) using the Vickers
indentor under a 20 g load for 10s.

Scanning electron microscopy (SEM) was used
for observation of the composite fracture surfaces
(AMRAY Co., Model 1810, Bedford, MA) and inter-
facial thickness measurements (Hitachi Ltd., Model
S800, Tokyo) (ten fibre cross-sections viewed axially).
Elemental analyses were performed using an attached

Figure 1 Indented surface of the SAC composite using a Vickers
hardness indentor (under 100 g load for 10 s). Note that the inter-
facial layer was pushed down along with the fibre. F, fibre; M,
matrix.

energy dispersive spectrometer (Kevex, Model 3600-
0398, San Carlos, CA)(EDS). For a study of interfacial
characteristics, transmission electron microscopy
(JEOL, Model 2000FX, Tokyo) (TEM) samples were
wafered into 3 mm diameter, where the radial direc-
tion of the discs were along the fibre direction. These
discs were thinned mechanically to 120 pm, dimpled
to 40 um, and then argon-ion milled to electron trans-
parency, using a liquid-nitrogen cold stage. Elemental
analyses for the interfacial area were performed using
an attached EDS system (Princeton Gamma Techno-
logy, Model TS16-J018, Princeton, NJ) to the TEM
unit. For the detection of light elements, ¢.g. carbon,
the beryllium window was opened during EDS data
collection. As-fabricated composites were ground for
X-ray diffraction (XRD) analysis (Philips Electronic
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Figure 2 Typical load—displacement curves for the three-point
bending of composites (fabricated by schedule 1) with the three
different matrix compositions.
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Instrument Co., Model 12045, Mount Vernon, NY,
Philips, Model PW1800, Eindhoven, The Nether-
lands) using CuK, radiation and a step size of 0.015°,
with a duration time of 1 s at each step. Equal areas of
the specimen powders were exposed to the X-ray
beam.

3. Results

3.1. Mechanical behaviour

Fig.2 shows typical flexural test for each type of
composite fabricated by schedule 1. (Unless specified,
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Figure 3 Fracture surfaces of (a) SAC, (b) SA, and (¢) SC com-
posites after fracture under three-point bending.

all composite notations such as SAC, SA, and SC refer
to the composites fabricated by schedule 1.) Non-cata-
strophic fracture, i.e. incremental decrease of the load
with increasing deformation past the ultimate
strength, was demonstrated by the SAC composite,
while brittle fracture was apparent for the SA
composite. Fig. 3 shows example fracture surfaces of
the studied composites after three-point bending, illus-
trating varying degrees of fibre pull-out, depending on
the matrix composition. A significant fibre pull-out in
SAC, intermediate in the SC, and minimal pull-out in
the SA composites were observed. Fig. 4 shows the pre-
notched SAC and SA composites after three-point bend-
ing. The cracks followed the fibre direction instead of
the pre-notched direction for SAC (Fig, 4a) while a cata-
strophic and notch-dependent fracture behaviour was
demonstrated for SA (Fig. 4b). The SC composites
showed a fracture behaviour similar to that of SA, but
with some limited fibre pull-out on the fracture surfaces,
Flexural as well as hardness test results are sum-
marized in Table II. Lower hardness values were
measured for fibres densified in the SC matrix. Inter-
facial shear strengths were low in the SAC composite,
higher in SC, and highest in SA. Just the opposite
trend is apparent for the interphase thickness. The
SAC composite showed the highest ultimate strength
in bending, followed by SA, then SC. The SA com-
posite showed a greater matrix hardness, and a lower
apparent elastic modulus than the other two.

3.2. Microstructure development
Fig. 5 shows that uniform ~100 nm interphases for-
med between the fibres and the matrix in the SAC
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Figure 4 Fracture morphologies of pre-notched (a) SAC and
(b) SA composites.

composite. Selected-area diffraction showed that the
interphase was amorphous; hence, the microstructural
features within it are interpreted to be phase separ-
ation. The extinction lines in grains such as those
marked L imply that they are crystalline regions. The
grains in the fibre are interpreted to be SiC, while the
lighter shaded grain boundaries are taken to be car-
bon-rich. EDS results showed that the interphase (C)
contained carbon, silicon, and oxygen. The crystalline
region adjacent to the interphase (area S) was rich in
silicon relative to its surroundings; however, identi-
fication of this phase was not feasible. Region
L showed silicon, oxygen, and nitrogen with no cal-
cium or aluminum. Region X was comprised of silicon,
aluminium, calcium, and oxygen.

Figure 5 TEM microstructure of the SAC composite showing uni-
form formation of a carbon-rich interphase. The inset SAD pattern
was taken from the matrix at point X. S, crystalline layer; X, glassy
phase in the matrix; L, crystalline grain in the matrix.

Bright- and dark-field images of the SA composite
are shown in Fig. 6. The interphase was thin (~ 35 nm)
compared to that in the SAC composite (Fig. 5). The
bright region in the dark-field image indicates that the
phase in contact with the interphase was crystalline.
EDS showed that the oval grain in the SA matrix was
composed of silicon, and oxygen while the matrix
around the grain was made up of silicon, aluminium
and oxygen. Other regions (not shown) surrounding
grains of similar form to the oval grain were amorph-
ous (by selected-area diffraction), and also were com-
posed of silicon, aluminium and oxygen. Fig. 7 illus-
trates the interphase which formed in the SC com-
posite. Crystalline regions can be seen within the inter-
phase. EDS results imply that these regions were cal-
cium-rich relative to the surrounding amorphous in-
terphase. The calcium content in the fibre centre was
higher than fibre centres in the SA and SAC composite

TABLE II Summary of the measured mechanical properties of the composites fabricated by schedule 1. + values represent standard

deviation

Matrix composition

SAC SA SC
Fibre hardness (GPa) 149+ 1.0 148 + 1.2 129 +0.7
Interfacial shear strength (MPa) 30.8 + 13.8 170.1 +48.7 1009 + 31.8
Matrix hardness (GPa) 11.3+1.6 16.3 +0.9 121+14
Interphase thickness (nm} 238.7 + 353 389 + 13.5 1314 +45.6
Three-point bend strength (MPa) 438.7 + 314 228.0 +17.8 1519+ 172
Three-point elastic modulus (GPa) 146.6 + 18.1 82.9 4+ 20.5 1313+ 11.6
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Figure 6 (2) Bright-field image of the SA composite showing a thin
(~35nm) interphase. F, fibre; C, interphase, and M, matrix.
(b} Dark-field image of the same area showing that the matrix
phase in contact with the interphase was also crystalline. Spots on
the interphase and fibre are due to contamination during specimen
thinning.

(Fig. 8). Fig. 9 shows the insufficient matrix densifica-
tion in the SA composite. The SAC and SC com-
posites were nearly pore free.

XRD patterns of ground composites are shown in
Fig. 10. The SAC and SC composite patterns showed
Si,N,O as the only crystalline phase present. Si,N,O,
Al,O; and a sialon-X phase [34] (composition:
Siy,Al;g046Ng [35], SizAlsO;N, [36], or Si,A1;0,N
[37]) were identified for the SA composite. XRD
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Figure 7 TEM microstructure of the SC composite. G, amorphous
matrix region; X, crystalline matrix region; F, fibre; A, amorphous
interphase region; W, crystalline interphase region.
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Figure 8 EDS of fibre centres for the three composites. EDS peaks
were normalized to the silicon peak intensity.

patterns of the SAC composites fabricated by each
schedule are shown in Fig. 11. Alumina showed the
most intense presence after schedule 3, while it was
only possibly present after schedules 2 and 4. The
relative intensities of Si,N,O did not show a consis-
tent trend with schedules. Mullite showed a minor
presence after schedule 4. Peaks matching the JCPDS
database for B’-SizN, were identified; however, they
are expected to represent those of B’-sialon solid solu-
tion. Fig. 12 shows XRD patterns of the SA com-
posites fabricated by each schedule in Table I. The
sialon-X phase disappeared with extended high-tem-
perature exposure, and was replaced by mullite
(AlgSi304,).



Figure 9 Insufficient matrix densification in the SA composite.

The microstructure of a post-heat treated (at
1000°C for 1h in air) SAC composite is shown in
Fig. 13. Fibre pull-out was observed on the fracture
surface only at the central portion of the composite
(Fig. 13a). Fig. 13b shows circumferential holes at
fibre/matrix interfaces with a number of bridges be-
tween fibres and the matrix. Composites fabricated by
schedules 2, 3, and 4 did not show any apparent differ-
ences from the circumferential oxidation behaviour
shown in Fig. 13. This oxidation behaviour was ob-
served for SA and SC composites as well.

4. Discussion
Under schedule 1, the only remaining matrix crystal-
line phase in SAC was Si,N,O. This phase represents
unreacted relic particles, where all other Si,N,O reac-
ted to extinguish alumina and calcia, forming a eutec-
tic liquid. The composition of the liquid phase permit-
ted its retention as a stable glass with cooling in the
hot press; in the presence of Ca”*, two AI** ions can
adopt two Si*" network (glass-former) positions.
With increasing time at elevated temperatures in the
hot press (schedules 2—4), the liquid phase partially
devitrified forming mullite. The formation of }'-sialon
is interpreted to be a reaction product of Si, N, O relic
and the liquid phase. Slow cooling in the hot press did
not cause full devitrification of the amorphous phase.
EDS showed no indication of nitrogen in the glass.
Without a significant overpressure of nitrogen, the
solubility of nitrogen in the liquid phase would be low.
In the SA composite, eutectic melting between
Si,N,0 and AL, O3, formed a liquid phase which en-
veloped residual silicon oxynitride grains. Without
charge-compensating alkaline earth cations (e.g.
Ca?™), all AI’* cations would take network modifier
positions, forming three non-bridging oxygens for
every aluminium ion. Hence, the alumina-rich super-
cooled aluminosilicate liquid phase was not stable,
and devitrified to form sialon-X. Because the liquid
phase in SA would be more alumina-rich than that in
SAC, the more alumina-rich sialon compound (sialon-
X) would form in favour of the generally more silica-
rich B'-sialon. With longer hot-pressing schedule,
sialon-X was extinguished in favour of mullite. This
implies that sialon-X represents a metastable phase.
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Figure 10 XRD patterns for the three composites. (O) SiyN,O, (A) sialon-X, (@) AL,O,, (OJ) B-SiC.
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Figure 12 XRD patterns from the SA matrix composites fabricated by schedules 1, 2, 3, and 4. See note in Fig. 11 regarding diffractometers.
(O) Si,N,0, (@) AlL,O;, (V) AlgSiy014, (A) sialon-X, ([J) B-SiC.

With time at elevated temperature, the lack of a high The SC composite also formed an amorphous phase
nitrogen overpressure may have fostered a solid state,  under schedule 1, because a calcium silicate liquid
or solution and precipitation transformation, liber-  (with a low proportion of calcium) forms a stable glass.
ating nitrogen to the surroundings. A lower percentage of glassy phase would be expected
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Figure 13 (a) SEM microstructure of the fracture surface of post-heat treated (at 1000 °C for 1 h in air) SAC composite. (b) Magnified view of
the outer portion of the composite where no fibre pull-out was observed.

in SC as compared to SAC, because in SC there was
only 5.75 mol % CaO to react with Si,N,0O. Compar-
ing the liquid phases formed in SC and SAC com-
posites, it would be expected that for a given temper-
ature, the calcium aluminosilicate glass in SAC would
be more viscous than the calcium silicate glass in SC.
The more fluid SC liquid phase is interpreted to have
encouraged chemical interaction between the matrix,
interphase and fibre. This is indicated by the calcium-
containing crystalline phases in the interphases and
the high calcium content in the fibres.

Complete matrix densification in the SA composite
did not occur (Fig. 9). This implies that the tenure of
liquid phase prior to devitrification to sialon-X was
short, which would impede full densification via
liquid-phase infiltration of pores. The high porosity
shown in Fig. 9 correlates to the lower elastic modulus
of this composite due to the lower cross-sectional area
available to resist the applied load [38].

The formation of the interphase is related to condi-
tions which are adequately oxidizing to form silica
and carbon from SiC, but not oxidizing enough to
form CO or CO,. Oxidizing agents can be provided
by pre-existing oxygen between particles in the com-
pact, or can be gases which diffuse in between the hot
press die and punch. Based on the reaction
SiC + O, = C + SiO, [39], the volume of molecular
oxygen at 1 atm required to form a 0.3 pm thick inter-
phases in a standard specimen is calculated to be
1139 cm®. This calculation was based on a carbon
density of 1.2 gcm ™~ * and amorphous silica density of
2.5gcm ™3 This volume is much greater than the
composite volume of 18 cm?, hence, interphase forma-
tion by reaction with trapped oxygen in the pre-hot-

pressed green body is negligible. Thus, diffusion of
soluble carbon monoxide gas through the matrix is
taken as the dominant mechanism of interphase
formation [40].

Interphase formation appears to be closely related
to the presence/absence of fluid phase in the matrix
during densification. This is consistent with the results
of other investigations. A carbon-rich interphase was
commonly observed between SiC whiskers and
a glass-ceramic matrix [41] while no layer formed
with a polycrystalline Al,O5; matrix [42], where no
appreciable fluid phase would have formed during
densification. Molecular solubility of gases would be
appreciably higher in liquids than in solids. Hence, it
would be expected that interphases in SA and SC
would be underdeveloped because of the comparat-
ively deficient volume of liquid phase during hot
pressing. In SAC, the interphase thicknesses at fibre-
sparse areas were observed to be greater than at the
fibre-rich area.

If interphase thickness is not interpreted to be a fac-
tor in the mechanical properties of the composite, the
lower ultimate bending strength of SA, relative to
SAC, may be related to the high-porosity matrix. The
pores acted as stress concentrators, increasing matrix
cracking for a given load as compared to a more
well-densified matrix such as SAC. However, the inter-
facial shear strength of SA was measured to be signifi-
cantly higher than SAC. Further, the fracture mor-
phology of SA showed minimal fibre pull-out. These
results imply that the low interphase thickness pro-
moted crack propagation through' the fibre, rather
than debonding. The relative contributions of either
phenomenon to the lowered ultimate strength has not
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been established. The enhanced calcium content in the
SC fibre clearly altered its properties as indicated by
the drop in fibre hardness in this composite. The low
ultimate strength of this composite is interpreted to be
a result of loss of structural integrity of the fibres along
with high interfacial shear strength due to underdevel-
oped interphases.

The circumferential holes (Fig. 13) formed at the
fibre/matrix interface of the SAC composite after heat
treatment in air are interpreted to be caused by the
oxidation of the carbon content of the interphase by
molecularly soluble oxygen in the amorphous por-
tions of the matrix (2C) + Oyass) = 2COyy1ass). The
bridges formed between the holes would have been the
remaining amorphous SiO, in the interphase, mixed
with other matrix oxides to form a calcium
aluminosilicate glass. Similar oxide glass bridges were
observed with a lithia aluminosilicate system [43].
This oxidation process undoubtedly also oxidized the
fibres, reducing their cross-sectional arca. The fibre
pull-out at the central portion of the SAC composite
indicates a time-dependent diffusion of molecular oxy-
gen to various interphase locations, and diffusion of
CO out to the composite surface.

5. Conclusion

The SAC matrix composition formed a considerable
quantity of liquid phase, which in turn fostered the
development of ~240nm thick carbon-rich inter-
facial layers of relatively low interfacial shear strength
(~30 MPa). The fracture behaviour of the resultant
composite was non-catastrophic and notch-indepen-
dent. SA and SC matrix compositions formed micro-
structures containing less glassy phase, formed thin
interfacial layers (39—131 nm), and had higher inter-
facial shear strengths. These composites showed cata-
strophic fracture with limited fibre pull-out. SC
composites formed a liquid phase which allowed cal-
cium infiltration into the interphase and fibre, worsen-
ing the mechanical properties of the composite. The
presence of liquid phase in the matrix permitted diffusion
of CO to react with the fibre to form the interphase.
There was no evidence that the amorphous matrix
phases contained nitrogen. With extended periods in the
hot press, and nitrogen-bearing crystalline phases such
as sialon-X were annihilated in favour of oxide phases
(mullite), but the resulting composites were still com-
prised of partly vitreous matrices. Post-heat treatment
of all composites at 1000 °C showed peripheral oxidation
and removal of the carbon content of the interphases.
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